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1. Introduction 
With the development of aerospace and ground transportation industry, the properties of 
aerospace engine are increasingly required to be improved. And especially, Turbine disk 
is one of the important component parts for advanced aero-engines, serving usually in the 
condition of 540～840°C at higher stress, so the turbine disks are required to be of high 
temperature tolerance and creep resistance (Flageolet B. et al., 2005; Liu D. M. et al.,  
2006 ). Thereinto, the continuous plastic flow of a material during creep can eventually 
result in large plastic deformations and significant modifications to the microstructure  
of the material, so that occurs the creep fracture of the turbine disk parts. Therefore, it is 
very important for the aero-engine materials to have a better property of the creep 
resistance. 
Traditional wrought superalloys can hardly meet the requirements of the turbine disks in 
the advanced aerospace for their poor temperature tolerance and loading capacity resulted 
from their serious composition segregation in ingots and poor hot processability (Park N. K. 
& Kim I. S., 2001; Lherbier L. W. & Kent W. B., 1990; S. Terzi et al., 2008 ), especially the 
weaker cohesive force of grain boundaries (Paul L., 1988; Wang P. et al., 2008; Jia CH. CH. et 
al., 2006 ). While nickel based powder superalloys are an excellent material used for 
preparing the high temperature rotating section of the advanced aero-engine because its 
advantages are no macro-segregation in the ingot, chemical composition uniformity and 
high yield strength (Lu Z. Z. et al., 2005; Zhou J. B. et al., 2002 ). 
FGH95 alloy is a nickel-base powder superalloy in which microstructure consists of  
matrix,  and carbide phases. The characteristics of FGH95 superalloy include the high 
extent of alloying and high volume fraction of -phase (about 50%), besides the alloy 
possesses excellent integrating mechanical properties at 650°C (Domingue J. A., et al. 1980; 
Hu B. F. et al., 2006 ). Moreover, various size, morphology and distribution of  phase in the 
alloy can be obtained by different heat treatment regimes (Zainul H. D., 2007 ). The 
preparation technologies of FGH95 superalloy includes the powder pretreatment, hot 
isostatic pressing (HIP) and heat treatment. The heat treatment regimes of the alloy include 
the high temperature solution and twice aging treatment. After solution treated at high 
temperature, the alloy may adopt the different cooling methods, such as cooled in molten 
salt or in oil bath, and the microstructure and creep properties of the alloy are related to the 
chosen heat treatment regimes (Klepser C. A., 1995 ).  
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The deformation mechanism of the polycrystalline Ni-base superalloys during creep 
includes twinning, dislocations by-passing or shearing into the  phase (Raujol S. et al., 
2004 ; Kovarik L. et al., 2009 ). Actually, the mechanical properties and creep behaviors of 
the alloy are related to the quantities, morphology and distribution of -phase, and 
especially, the configuration of the boundary and carbides have an important effect on the 
creep resistance of the alloy (Viswanathan G. B. et al., 2005; Hu B. F. et al., 2003 ). For 
example, after the alloy is solution treated for cooling in molten salt, the total number and 
size of secondary  phase increase, which can effectively improve the plasticity of the alloy 
at high temperature ( Zhang Y. W. et al., 2002 ). Because the various microstructures in the 
alloy may be obtained by different heat treatment regimes, it is very important to 
understand the influence of heat treatment regimes on the microstructure and creep 
resistance of the alloy. 
In this chapter, the different HIP alloys are solution treated at different temperatures, and 
cooled in the molten salt or oil bath, respectively, then through twice aging treatment. 
Besides, some full heat treated alloys are aged for different time at high temperatures, and 
then the parameters of ,  phases in the alloy are measured for evaluating the effect of the 
long term aging time on the misfits. The creep properties of the alloy treated by different 
heat treated regimes are measured under the conditions of the applied different 
temperatures and stresses, and the microstructures of the alloy are observed by using SEM 
and TEM for investigating the influences of the heat treatment regimes on the 
microstructure and creep properties. Additionally, the deformation mechanism and fracture 
feature of the alloy during creep are briefly discussed.  
2. Experimental procedure 
FGH95 powder particles of the nickel-base superalloy with the size of about 150 meshes 
were put into a stainless steel can for pre-treating at 1050 °C for 4 h. The can containing 
FGH95 powder alloy was hot isostatic pressed (HIP) for 4 h under the applied stress of 120 
MPa at 1120 °C, 1150 °C and 1180 °C, respectively. The heat treatment and long term aged 
treatment regimes of the alloy are listed, respectively, in the Table 2.1 and Table 2.2. The 
cooled rates of the specimen in the oil bath and molten salt are measured to be about 205 
°C/min and 110 °C/min, respectively. The error ranges of the used heating furnace are 
about ± 2 °C. The chemical composition of FGH95 superalloy is shown in Table 2.3.  
 
HIP 
Temp., (°C) 
Solution 
Temp., (°C)
Quenching 
Temp., (°C) 
Double aging treatment 
1120 
1140 for 1 h
1150 for 1 h
1160 for 1 h
1165 for 1 h
cooled for 15 min in molten salt at 583 °C
870 °C×1h + 650 °C×24h 
1180 
1150 for 1 h
1160 for 1 h
cooled for 15 min in oil bath at 120 °C 
1150 for 1 h
1160 for 1 h
cooled for 15 min in molten salt at 583 °C
Table 2.1. Heat treatment regime of FGH95 superalloy 
www.intechopen.com
 
Creep Behaviors and Influence Factors of FGH95 Nickel-Base Superalloy 
 
405 
HIP Temp., 
(°C) 
Heat treatment Aging regime 
1120 
1155 for 1 h + cooled for 15 min in molten salt at  
550 °C + 870 °C×1h +650 °C×24 h 
450 °C×500 h 
450 °C×1000 h 
550 °C×500 h 
550 °C×1000 h 
1150 
1180 
---- 
Table 2.2. Long time aging treated regime of FGH95 superalloy 
 
C B Cr Co Al Ti W Mo Nb Ni 
0.060 0.012 12.98 8.00 3.48 2.55 3.40 3.40 3.50 Bal 
Table 2.3. Composition of FGH95 superalloyθmass fraction,%χ 
By means of the anode selective dissolving method, the volume fraction of -phase in 
FGH95 alloy was measured to be about 47%. Thereinto, the electrolytic extraction of  phase 
in the alloy was conducted for separating from the  matrix under the condition of the 
temperature at 0°C and current density about 50mA/cm2. The choosing electrolyte solution 
consisted of (NH4)2SO4 and citric acid, the experimental device of the electrolytic extraction 
was shown in Fig. 2.1. After the electrolytic extraction was conducted, the granularity 
distribution, phases constituting and the misfit of ,  phases in the alloy were measured by 
means of the XRD analysis and SEM/EDS observation. 
The ingot of FGH95 superalloy was cut into the specimens with the cross-section of 4.5 mm 
 2.5 mm and the gauge length of 20 mm, and the size of the sample was shown in Fig. 2.2. 
Uniaxial constant load tensile testing was performed, in a GWT504 model creep testing 
machine, for measuring creep curves under the experimental conditions of 984 MPa ~ 1050 
MPa and 630 °C ~ 670 °C. The yield strength of FGH95 alloy was measured to be 1110 MPa 
at 650 °C. The strain data of the alloy at different conditions were measured with an 
extensometer to portray the creep curves, twice of the each creep testing were conducted for 
ensuring the statistical confidence. The specimens of FGH95 alloy at different states were 
grinded and polished for observing the microstructure by using SEM and TEM, so that the 
influence of the heat treatment technics on the microstructure, the creep feature and fracture 
mechanism of the alloy was investigated. 
 
 
Fig. 2.1. Experimental equipment 
1--Power supply, 2--sample, 3-- cathode, 4--solution, 5--container 
V A
1
2
3
4
5
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Fig. 2.2. Schematic diagram of the tensile creep sample 
3. Influence of HIP temperatures on microstructure 
3.1 Influence of HIP temperatures on microstructure of FGH95 alloys 
After the alloy was hot isostatic pressed at different temperatures, the microstructure of the 
HIP alloys was shown in Fig. 3.1. The regions which were encompassed by coarse  phase 
were defined as previous powder particles. After 1120 °C hot isostatic pressing molded, the 
alloy consisted of  and  phases, thereinto, the coarser  phase distributed around the 
powder particles was defined as the previous particle boundaries (PPB). Therefore, the 
configuration of sphere-like previous particle was clearly appeared, and the power particle 
size was about 15~25 μm, as shown in Fig. 3.1(a).  
With the HIP temperature increased to 1150 °C, the size of the powder particles was similar 
to the former, but the sphere-like configuration was not clearly. The PPBs consisted mainly 
of the coarse  phase, and the size and amount of the coarser  phase decreased slightly as 
shown in Fig. 3.1(b). As the HIP temperature increased to 1180 °C, the size of the grain grew 
up obviously, being about 20~40 μm. Besides, the grain boundaries appeared the straight-
like feature, and the amount and size of the coarse  phase decreased obviously as shown in 
Fig. 3.1(c). The dark regions around the powder particles were defined as the previous 
particle boundaries (PPB) in which the secondary  phase was precipitated along the 
different orientations as marked by letters A and B.  
 
 
Fig. 3.1. Microstructure of the alloy after HIP treated at different temperatures.  
(a) 1120 °C,(b) 1150 °C,(c) 1180 °C 
(a) 
20m
(b)
20m 20m 
(c)
A 
B 
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Fig. 3.2. Magnified morphology of the alloy HIP treated at different temperatures. (a) finer 
-phase precipitated within the grain of the alloy treated by HIP at 1120 °C, (b) after HIP 
treated at 1150 °C, no - phase particles precipitated in the regions near the coarser -phase 
as marked by arrow, (c) after the alloy treated by HIP at 1180 °C, particle-like carbides 
precipitated along the boundary as marked by short arrow. 
The magnified morphology of the alloys which were hot isostatic pressed at different 
temperatures was shown in Fig. 3.2. Thereinto, the  phase displayed the black color due to 
the dissolved during chemical corrosion, and the  matrix which is not dissolved displays 
the gray color. After HIP treated at 1120 °C, the coarser  phase which distributed around 
the PPB was about 1~2 μm in size and was defined as the primary  phase. Besides, the fine 
secondary  phase was regularly distributed along the same orientation within the previous 
powder particles as shown in Fig. 3.2(b). As the HIP temperature increased to 1150 °C, the 
secondary  phase about 0.1~0.3 μm in size was dispersedly precipitated within the grain, 
and the coarser  phase still existed in the PPB regions. Moreover, the depleted zone of the 
fine -phase appeared in the regions near the coarser  phase, as marked by the arrow in 
Fig. 3.2(b). 
The magnified morphology of the powder particle in the 1180 °C HIP alloy was shown in 
Fig. 3.2(c), indicating that the fine secondary  particles with different orientations were 
precipitated within the same grain as marked by A and B in Fig. 3.2(c). No fine  particles 
were precipitated in the PPB regions near the coarser  phase, so the region was defined as 
the depleted zone of the fine -phase as marked by the long arrow in Fig. 3.2(c). Moreover, 
some white carbide particles were precipitated in the PPB region as marked with the white 
short arrow in Fig. 3.2(c). 
The microstructure of the different temperature HIP alloys which were solution treated at 
1155 °C, cooled in the molten salt at 520 °C and twice aging treated was shown in Fig. 3.3. 
The microstructure of the 1120 °C HIP alloy after full heat treated was shown in Fig. 3.3(a), 
illustrating that a few of coarser  phase was distributed along the grain boundaries. And 
the size of the coarse  phase was about 1 ~ 2 μm, as marked with the white short arrow in 
Fig. 3.3(a). Besides, the fine  phase was dispersedly precipitated within the grain as marked 
with the long arrow in Fig. 3.3(a). Comparing to Fig. 3.3(a), the microstructure of the 1150 °C 
HIP after full heat treatment had no obvious distinction to the former, and the grain size 
(a) 
4m 4m 
(b)
4m 
(c)
A
B 
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was about 10~25μm. The secondary  phase was dispersedly distributed in the alloy as 
shown in Fig. 3.3(b). With the HIP temperature increased to 1180 °C and after full heat 
treatment, the PPB trace was kept in the alloy as marked with the long arrow in Fig. 3.3(c), 
indicating that the grain grew up obviously after HIP treated at 1180 °C, and the coarse  
phase dissolved completely, only kept a few of primary  phase which size was about 1μm 
in the grain boundaries as marked with the short arrow in Fig. 3.3(c). Moreover, some fine 
carbide particles were dispersedly precipitated in the alloy as shown in Fig. 3.3(c). 
 
 
Fig. 3.3. Microstructure of the different temperatures HIP alloy after fully heat treated.  
(a) 1120 °C, (b) 1150 °C, (c) 1180 °C 
The magnified morphology of the different temperature HIP alloy after fully heat treated was 
shown Fig. 3.4. After the 1120 °C and 1150 °C HIP alloys were fully heat treated, a few of 
coarse  phase was precipitated along the boundary regions as marked with short arrow in 
Fig. 3.4(a) and (b). And the coarse  phase appeared in the boundary as shown in Fig. 3.4(a).  
 
 
Fig. 3.4. Magnified morphology of the different temperature HIP alloy after fully heat 
treated (a) 1120 °C, (b) 1150 °C, (c) 1180 °C 
15m
(a) (b)
15m
(c)
15m 
4m 
(a) (c)
4m 
(b)
4m 
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Moreover, fine white particles were discontinuously precipitated along the boundaries as 
marked with the long arrow in Fig. 3.4(a) and (b), and the fine secondary  phase and white 
particles were dispersedly distributed in the alloy as shown in Fig. 3.4(a) and (b). With the HIP 
temperature increased to 1180 °C and after fully heat treated, the sphere-like PPB kept in the 
alloy as marked with long arrow in Fig. 3.4(c), and the boundaries displayed an obvious 
straight feature as marked with short arrow in Fig. 3.4(c). Moreover, fine  phase was 
dispersedly distributed within the grain, and the white particles of about 0.2 μm in size were 
dispersedly precipitated in the grain as shown in Fig. 3.4(c). 
3.2 Analysis on the influence of HIP temperatures on microstructure 
When the FGH95 alloy was HIP treated at 1120 °C and 1150 °C which is lower than the 
dissolving temperature of  phase ( Tm= 1160 °C ), the coarse  phase distributed around 
the PPB were not completely dissolved. Therefore, the  phase which was reserved in the 
PPB regions was going to grow up during the slowly cooling stage of HIP, which resulted in 
forming the morphology of the coarser  particles distributed along the PPB. The size of 
previous powder particles were kept in the alloy because no enough deformed energy 
which come from the HIP deformation promoted the powder particles growth up, as shown 
in Fig. 3.1(a) and (b). 
When the alloy was hot isostatic pressed under the conditions of 120 MPa at 1180 °C, the 
coarser  phase in the PPB regions was completely dissolved, which may enhance the 
diffusion rate of the elements and reduce the transferring resistance of the boundaries to 
promote the growth of the grain, therefore, the alloy displayed a larger grain size as shown 
in Fig. 3.1(c). At the same time, the nucleation and growth of the carbide occurred on the 
fine oxides which existed in the powder particle surface, and the carbide nucleation process 
only needs lower energy (Domingue J. A. et al., 1980). Consequently, some white carbide 
and coarser  particles were discontinuously precipitated in the PPB regions as shown in 
Fig. 3.2(c), and the depleted zones of the fine  phase appeared in the region near the coarse 
 particles, due to the coarsening of  particles to consume the much more elements of  
former, as shown in Fig. 3.2(c). 
4. Influence of solution temperatures on microstructure 
4.1 Influence of solution temperature on the microstructure 
After the 1120 °C HIP alloy was solution treated at 1140 °C and twice aged, the grain size of 
the alloy was homogeneous, and fine  phase was dispersedly precipitated within the grain, 
as shown in Fig. 4.1(a). Besides, much more coarse  phase precipitated along the grain 
boundaries as marked with the arrow in Fig. 4.1(a). The magnified morphology was shown 
in Fig. 4.1(b), significant amount of fine  phase were dispersedly distributed in the alloy, 
and the depleted zone of -phase appeared around the coarse  phase which distributed 
along the boundary regions, as shown in the Fig. 4.1(b). 
With the solution temperature increased to 1150 °C, the microstructure of the alloy consisted 
of the  and  phases, the average grain size of the alloy was about 10~20 m, as shown in 
Fig. 4.2(a), which indicated that some coarser -particles are precipitated in the wider 
boundary regions, and the average size of the coarser  phase was about 1~2.5 μm. The 
magnified morphology of the alloy was shown in Fig. 4.2(b), indicating that significant 
amount of the fine  particles were dispersedly distributed within the grains, the size of the 
www.intechopen.com
  
Aeronautics and Astronautics 
 
410 
 
Fig. 4.1. Microstructure of the alloy after solution treated at 1140 °C. (a) after solution treated 
at 1140 °C, coarse  phase distributed in the alloy, (b) no finer  phase precipitated in the 
regions near the coarser  phase 
ones was about 0.1~0.3 μm. And no fine -particles were precipitated in the regions near the 
coarser -phase, the regions were defined as the depleted zone of the fine -phase as 
marked by the arrow in Fig. 4.2(b), the magnified morphology of the depleted zone of -
phase was marked by the arrow in Fig. 4.2(c). 
 
 
Fig. 4.2. Microstructure of the alloy after solution treated at 1150 °C. (a) After solution 
treated at 1150 °C, some coarser  phase precipitated in the wider boundary regions, (b) fine 
 phase distributed dispersedly within the grains, and the depleted zones of the fine  
phase marked by arrow, (c) magnified morphology of the depleted zone of -phase 
As the solution temperature increased to 1160 °C, the grain boundaries appeared obviously, 
and the average size of the grains in the alloy was about 15 ~ 25 m as shown in Fig. 4.3(a). 
Compared to Fig. 4.2(a), the coarser -precipitates in the boundary regions disappeared, and 
the white particles with size about 0.2 μm were precipitated within the grains and along the 
boundaries as marked by the arrows in Fig. 4.3(a). The magnified morphology of the alloy 
was shown in Fig. 4.3(b), indicating that the coarser  particles and depleted zone of the fine 
(a) 
15m
(b)
3m 
(b)
m 
(c)
m 
(a) 
15m
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 phase had disappeared, and the secondary  phase was dispersedly distributed within the 
grains. The grain boundary in the alloy was marked by longer arrow and some particles 
were homogeneously precipitated along the boundaries and within the grains as marked by 
the short arrows in Fig. 4.3(b). 
 
 
Fig. 4.3. Microstructure of the alloy after solution treated at 1160 °C. (a) after solution treated 
at 1160 °C, the coarser  phase disappearing and the grain boundaries appearing obviously 
in the alloy, (b) the secondary  phase distributed dispersedly within the grain, and some 
particles precipitated in the alloy as marked by the arrows 
 
 
Fig. 4.4. Microstructure of the alloy after solution treated at 1165 °C. (a) After solution 
treated at 1165 °C, the average size of the grains in the alloy increasing obviously, and films 
of white phase precipitated along the boundaries as marked by arrows, (b) the secondary  
phase distributed dispersedly within the grains, and films of the white phase distributed 
along the grain boundaries 
As the solution temperature increased to 1165 °C, the grain sizes in the alloy increased, the 
linear-like boundaries appeared in the alloy, and the films of the white phase were 
continuously precipitated along the boundaries as marked by the arrows in Fig. 4.4(a). The 
magnified morphology of the white phase was shown in Fig. 4.4(b), indicating that white 
particles were continuous precipitated to form the films along the boundaries as marked by 
(a) 
15m
(b)
3m 
(a) 
15m 
(b)
3m 
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the arrow in Fig. 4.4(b), and significant amount of the fine secondary  phase were 
precipitated within the grains, no depleted zones of the fine  phase were detected in the alloy. 
The grain sizes after the alloy was solution treated at various temperatures were measured as 
listed in Table 4.1. Moreover, by means of composition analysis under SEM/EDS, it is 
indicated that the elements Nb, Ti and C are richer in the white particles which were located 
within the grain and boundary regions as shown in Fig. 4.3 and Fig. 4.4, respectively. 
After the alloy was solution treated at 1160 °C, the fine -particles with the size of about 0.1 
m were dispersedly precipitated within the grains as shown in Fig. 4.5(a), the particles can 
effectively hinder the dislocation movement to enhance the creep resistance of the alloy. The 
smaller space between the fine -particle was measured to be about 0.03 m, the bigger 
space between the fine -particles is measured to be about 0.12 m as marked by letters L1 
and L2 in Fig. 4.5(a), respectively. It was indicated by TEM/EDS analysis that the elements 
Nb, Ti and C richer in the carbide particle which was located in the boundary as shown in 
Fig. 4.5(b), and the particle was identified as (Nb, Ti)C phase by means of the diffraction 
spots analysis as marked in Fig. 4.5(c). 
 
Solution temp. (°C) 1140 1150 1160 1165 
Average grain sizes (μm) 10~20 10~20 15~25 20~40 
Table 4.1. Grain sizes of the alloy solution treated at different temperatures 
 
 
Fig. 4.5. Morphologies of  and carbide phases. (a) Fine  phase precipitated dispersedly 
within the grain, (b) carbide particles precipitated along the boundaries, (c) SAD patterns 
4.2 Influence of quenching method on the microstructure  
After the 1180 °C HIP alloy was solution treated at different temperatures and cooled in oil 
bath at 120 °C and twice aging treated, the alloy displayed the various sizes of grains in 
which the fine  phase was dispersedly and regularly precipitated, as marked by white long 
arrow in Fig. 4.6(a). The bigger grains was about 40~60 m in size, the smaller grains was 
about 20 m in size, the bunch-like coarser  particles were distributed in the PPB regions, 
or some coarser  particles were congregated in the local regions as marked by black arrow 
in Fig. 4.6(a). The depleted zone of the fine -phase appeared in the regions near the coarser 
 phase as marked with the white short arrow in Fig. 4.6(a). As the solution temperature 
0.5m 
(b)
0.25m 
(a) 
400 
000 
422 
022 
(c)
L1
L
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increased to 1160 °C, the coarser  phase in the alloy was completely dissolved due to the 
higher solution temperature. Moreover, the fine  phase and the white particles were 
dispersedly distributed within the grains, respectively, and some white particles were 
precipitated along the boundaries as marked by white arrow in Fig. 4.6(b). Furthermore, the 
twinning appeared within the grain as marked by black arrow in Fig. 4.6(b). 
 
 
Fig. 4.6. Morphology of the alloy after solution treated at different temperatures and cooled 
in oil bath. (a) After solution treated at 1150 °C, the fine  phase distributed dispersedly 
within the grains, and the depleted zone of -phase as marked by shorter arrow. (b) after 
solution treated at 1160 °C, the fine  phase and carbide particles distributed dispersedly 
within the grains, respectively 
After solution treated at 1150 °C, then cooled in molten salt and twice aged, the microstructure 
of the alloy consisted of the particle-like phase with different size, the coarser -phase was 
distributed in the PPB regions as marked by white arrow, and the fine  phase was 
dispersedly distributed within the grain as marked by black arrow in Fig. 4.7(a). Furthermore, 
the depleted zone of the fine  phase appeared in the region near the coarser -phase as 
marked by white short arrow in Fig. 4.7(a), and the size of the fine  phase was about 0.15 m.  
 
 
Fig. 4.7. Morphology of the alloy after solution treated at different temperatures, and cooled 
in molten salt. (a) After solution treated at 1150 °C, the fine  phase distributed dispersedly 
in the grains, and the coarse  particles precipitated along the boundaries, (b) after solution 
treated at 1160 °C, straight-like boundaries marked by black arrow, and the fine particles 
distributed dispersedly within the grains. 
(a) 
10m
(b)
10m 
(b)
10m 10m
m
(a) 
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5. Influence of aging time on microstructure and misfits 
5.1 Influence of aging time on microstructure 
After the 1120 °C HIP alloy was solution treated at 1155 °C, cooled in molten salt at 520 °C 
and twice aging treated, the microstructure of the full treated alloys which were kept at  
450 °C and 550 °C for 500 h respectively was shown in Fig. 5.1(a) and (b). Compared to the 
alloy which was not long time aged, no obvious distinction on the microstructure was 
detected in the alloy which was long time aged for 500 h at 450 °C, as shown in Fig. 5.1(a). 
Thereinto, no obvious change on the grain size was found, and a few coarse  particles 
about 1~2 μm in size was precipitated along the boundaries as shown in the Fig. 5.1(a). With 
the long time aging temperature increased to 550 °C, the grain size about 15~20 μm was 
similar to the former, and some coarse  phase were distributed along the boundaries as 
shown in Fig. 5.1(b). 
 
 
Fig. 5.1. Microstructure of the alloy aged for 500 h at different temperatures. (a) 450 °C, (b) 
550 °C 
 
 
Fig. 5.2. Magnified morphology of the alloy aged for 500 h at different temperatures.  
(a) 450 °C, (b) 550 °C 
The magnified morphology of the alloys aged for 500 h at 450 °C and 550 °C was shown in 
Fig. 5.2(a) and (b), respectively. After the alloy aged for 500 h at 450 °C, fine white carbide 
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particles were precipitated along the boundaries as marked with short arrow in Fig. 5.2(a). 
Moreover, the secondary  phase about 0.1~0.2 μm in size was dispersedly distributed in 
the grain as marked with the long arrow in Fig. 5.2(a). With the temperature increased to  
550 °C, the microstructure of the alloy was similar to the former, and the fine carbide 
particles about 0.1~0.25 μm in size were distributed along the boundaries as marked with 
the short arrow in Fig. 5.2 (b). Besides, the fine  precipitates were dispersedly distributed in 
the alloy as marked with the long arrow in Fig. 5.2(b). 
The microstructure of the full heat treated alloys aged for 1000 h at 450 °C and 550 °C was 
shown in Fig. 5.3(a) and (b), respectively. Fig. 5.3(a) showed that the microstructure was 
similar to the one of the aged-free alloy, and the grain size was about 15~20 μm. Moreover, a 
few coarse  phase was precipitated along the grain boundaries, and the size of  
precipitates was about 1~2 μm as shown in Fig. 5.3(a). As the aging temperature increased 
to 550 °C and kept for 1000 h, no obvious distinction on the size of the grain and coarse  
phase was detected, as shown in Fig. 5.3(b).  
 
 
Fig. 5.3. Microstructure of the alloy aged for 1000 h at different temperatures. (a) 450 °C,  
(b) 550 °C 
 
 
Fig. 5.4. Magnified morphology of the alloy aged for 1000 h at different temperatures.  
(a) 450 °C, (b) 550 °C 
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After aged for 1000 h at 450 °C and 550 °C, the magnified morphology of the alloy was 
shown in Fig. 5.4. Figure 5.4(a) shown that, after aged for 1000 h at 450 °C, some fine white 
carbide particles were precipitated along the boundaries as marked by the short arrow in 
Fig. 5.4 (a). Besides, twinning appeared obviously in the alloy as marked with the long 
arrow in Fig. 5.4(a). With the aging temperature increased to 550 °C, the microstructure of 
the alloy was similar to the former, and some fine white carbides distributed along the 
boundaries as marked with the short arrow in Fig. 5.4(b). Moreover, the secondary  phase 
about 0.1~0.2 μm in size was dispersedly precipitated in the grain as marked with the long 
arrow in Fig. 5.4(b). 
5.2 Influence of aging time on misfits 
After FGH95 alloy was full heat treated, the microstructure of the alloy consisted of -
matrix,  phase and carbide particles. Thereinto, the ordered  phase was coherently 
embedded in the  matrix. Besides, both  and  phases have the FCC structure and close 
lattice parameters. Moreover, the coherent interfaces was kept in between the / phases, 
and the certain misfits occurred in the interfaces of / phases. The equations of calculating 
the parameters and misfit may be expressed as follow: 
 2 s i nd    (5.1) 
 
2 2 2h + k + la d  (5.2) 
 
'
'
2( )
(%) 100%
( )
a a
a a
 
 
    (5.3) 
Where, d is crystal plane distance,  is diffraction angle, = 0.154 nm,  is lattice parameter, 
(h, k, l) is crystal plane indexes and  is the lattice misfit.  
 
 
Fig. 5.5. Dependence of aging time and lattice parameters of / phases at different 
temperatures. (a) 450 °C, (b) 550 °C 
After the fully heat treated alloys aged for 500 h, 750 h, 1000 h and 1500 h at 450 °C and  
550 °C, the XRD curves of the alloys were measured, in which the located angles were 
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chosen to separate the diffraction peaks of  and  phases for measuring the crystal plane 
distance of  and  phase in the alloy. In the further, the lattice parameters and misfits of the 
alloys were calculated according to the equations (5.2) and (5.3), and the dependence of the 
lattice parameters and aged time at different temperatures was shown in Fig. 5.5. Figure 
5.5(a) shown that the parameters of  and  phases increased gradually with the aging time 
at 450 °C, and the parameter increment of  phase was more than the one of  phase. With 
the aging temperature increased to 550 °C, the trend of the parameter increment was similar 
to the former, but the parameter increment of  and  phases was larger than the former, as 
shown in Fig. 5.5(b). 
 
 
Fig. 5.6. Relationship between the lattice misfit and aging time at different temperatures 
The relationship between the lattice misfit and aging time at different temperatures was shown 
in Fig. 5.6. This indicated that the lattice misfits decreased from 0.3734% to 0.2030% as the 
aging time prolonging at 450 °C as marked with letter A in Fig. 3.6. With the aging 
temperature increased to 550 °C, the lattice misfit decreased from 0.3734% to 0.2002% as 
marked with letter B in Fig. 3.6. Thereinto, the bigger difference between the lattice misfits of 
the alloys aged at 450 °C and 550 °C appeared in the periods of aging for 500 h and 1000 h.  
6. Creep behaviors and relative parameters 
6.1 Effect factors of solution temperature on creep properties 
6.1.1 Influence of solution temperature on creep properties 
After the 1120 °C HIP alloy solution treated at 1160 °C and cooled in molten salt at 583 °C 
and twice aging treated, creep curves of the alloy under different conditions are shown in 
Fig. 6.1. Figure 6.1(a) was the creep curves measured under different applied stresses at  
650 °C. Under the applied stress of 1020 MPa, the alloy displays the shorter initial creep 
stage and longer steady creep stage, besides, the alloy displays the lower strain rate and 
longer creep lifetime about 156 h. With the applied stress enhanced to 1034 MPa, the strain 
rate of the alloy during steady state creep increased, and the lifetime of the alloy decreased 
to 104 h. As the applied stress enhanced to 1050 MPa, the creep lifetime of the alloy 
decreased sharply to 51 h. This indicates that, in the ranges of the applied stresses, the alloy 
is not sensitive to the applied stress at 650 °C. 
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Fig. 6.1. After fully heat treated, creep curves of 1120 °C HIP alloy at different conditions 
(a) Applied various stresses at 650 °C, (b) 1034 MPa at various temperatures 
The creep curves of the alloy under the conditions of 1034 MPa and different 
temperatures are shown in Fig. 6.1(b), illustrating that the alloy possesses the lower strain 
rate and longer creep lifetime under the applied stress of 1034 MPa at 650 °C, and the 
strain rate of the alloy during steady state creep was measured to be about 0.00367%/h, 
the creep lifetime of the alloy was about 104 h. With the creep temperature increased to 
660 °C, the strain rate of the alloy during steady state creep increased to 0.00825%/h, and 
the creep lifetime decreased sharply to 40 h. As the temperature increased to 670 °C, the 
strain rate during steady state creep further enhanced to 0.01792%/h, and the lifetime of 
the alloy decreased to 17 h. This indicates that the alloy has an obvious sensitive to the 
applied temperature. 
Under the applied stress of 1034 MPa at 650 °C, creep curves of the alloy solution treated 
at different temperatures were shown in Fig. 6.2. The creep curve of the alloy solution 
treated at 1150 °C was marked by letter A in Fig. 6.2, through which the strain rate of  
the alloy during steady state creep was measured to be 0.0102%/h, the lasting time was 
about 40 h, and the creep lifetime of the alloy was measured to be 67 h. The creep curve  
of the alloy solution treated at 1160 °C was marked by letter B in Fig. 6.2, indicating that 
the alloy displays a lower strain rate during steady-state creep, and the creep lifetime of 
the alloy was measured to be 104 h. When the solution temperature increased to 1165 °C, 
the creep lifetime of the alloy was measured to be about 9 h, as marked by letter C in  
Fig. 6.2. 
After solution treated at different temperatures, the creep lifetimes of the alloy under the 
applied various stresses and temperatures are measured as listed in Table 6.1. It may be 
understood from Table 6.1 that, under the applied stress of 1034 MPa at 650 °C, the lifetime 
of the alloy solution treated at 1150 °C was measured to be 67 h. As the solution temperature 
enhanced to 1160 °C, the lifetime of the alloy increased to 104 h. When the solution 
temperature enhanced further to 1165 °C, the lifetime of the alloy decreased rapidly to 9 h, 
as shown in Table 6.1. This indicates that the solution temperature has an obvious influence 
on the creep lifetimes of the alloy. 
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Fig. 6.2. Under the applied stress of 1034 MPa at 650 °C, creep curves of the alloy solution 
treated at different temperatures 
After solution treated at 1150 °C, the lifetime of the alloy under the applied stress of 1020 
MPa at 650 °C was about 95 h, and the strain rate during steady state creep was measured 
to be about 0.00827%/h. The lifetime of the alloy decreased to 67 h as the applied stress 
increased to 1034 MPa at 650 °C, and the creep lifetime of the alloy decreased to 37 h as 
the applied stress increased to 1050 MPa at 650 °C. And the alloy solution treated at 1160 
°C displays also the similar regularity under the experimental conditions. This indicates 
that the alloy has an obvious sensitive to the applied stresses and temperatures.  
 
Solution 
Temp. (°C) 
650 °C 1034 MPa 
1020 MPa 1034 MPa 1050 MPa 660 °C 670 °C 
tf 
(h) 

(%)
  
(%/h)
tf 
(h)

(%)
  
(%/h)
tf 
(h)

(%)
  
(%/h)
tf 
(h)

(%)
  
(%/h)
tf 
(h) 

(%) 
  
(%/h) 
1150 
1160 
1165 
95 
156 
 
4.2
3.7
 
0.00827
0.00307
 
67
104
9 
3.4
2.8
1.3
0.0102
0.00367
0.00304
37
51

3.2
2.1
 
0.0129
0.00456
 
26
40

3.6
2.2
 
0.0208
0.00825
 
12 
17 
 
2.3 
1.7 
 
0.0418 
0.0179 
 
Table 6.1. Effect of solution temperature on stress rupture properties of FGH95 alloy 
6.1.2 Influence of quenching methods on creep properties 
After the alloy was solution treated at 1150 °C and cooled in oil bath at 120 °C, the creep 
curves of the alloy at different conditions were measured as shown in Fig. 6.3. Under the 
applied stress of 1034 MPa at different temperatures, the creep curves of the alloy were 
shown in Fig. 6.3(a), it indicated that the alloy possessed the lower strain rate and longer 
creep lifetime of about 380 h at 630 °C. 
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Fig. 6.3. Creep curves of the alloy cooled in oil bath at different conditions. (a) Creep curves 
of the alloy under the applied stress of 1034 MPa at various temperatures, (b) creep curves 
of the alloy under the applied different stresses at 650 °C 
As the creep temperature increased to 640 °C, the lifetime of the alloy decreased to 144 h. 
When the creep temperature increased to 650 °C, the lifetime of the alloy decreased rapidly 
to 32 h. This indicates that the alloy had an obvious sensitive to the applied temperatures. 
While the creep curves of the alloy under the applied different stresses at 650 °C were 
measured as shown in Fig. 6.3(b). Under the applied stress of 984 MPa, the alloy displayed a 
shorter initial creep stage and a longer steady state stage of creep, and the creep lifetime of 
the alloy was measured to be about 260 h. The lifetime of the alloy decreased to 205 h as the 
applied stress enhanced to 1010 MPa, but the creep lifetime of the alloy at 650°C/1034 MPa 
deceased rapidly to 32 h. This indicates that the alloy possessed an obvious sensitive to the 
applied stress when the applied stress was over 1010 MPa. 
 
 
Fig. 6.4. Creep curves of the alloy cooled in molten salt at 583 °C at different conditions. (a) 
Creep curves of alloy under applied stress of 1034 MPa at various temperatures, (b) creep 
curves of alloy under the applied different stresses at 650 °C 
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After the solution treated at 1160 °C and cooled in molten salt at 583 °C, the creep curves of 
the alloy at different conditions were shown in Fig. 6.4. Under the applied stress of 1034 
MPa at different temperatures, the creep curves of the alloy were measured as shown in the 
Fig. 6.4(a), indicating that the alloy displayed a lower strain rate and creep lifetime of about 
145 h at 650 °C. As the temperature enhanced to 660 °C and 670 °C, the strain rates of the 
alloy during the steady state creep increased, and the creep lifetimes decreased to 60 h and 
32 h, respectively. This indicates that the alloy has an obvious sensitive to the applied 
temperatures. 
 
 
Fig. 6.5. Under the applied stress of 1034 MPa at 650 °C, creep curves of the alloy treated by 
different regimes 
The creep curves of the alloy under the applied different stresses at 650 °C were shown in 
Fig. 6.4(b). The creep feature of the alloy under the applied stress of 1020 MPa displayed a 
shorter initial stage and longer steady state stage, and the creep lifetime of the alloy was 
measured to be 213 h. As the applied stress enhanced to 1034 MPa and 1050 MPa, the creep 
lifetimes of the alloy were measured to be 145 h and 68 h, respectively. This displays only a 
smaller decreasing extent of the creep lifetimes, therefore, it may be concluded that no 
obvious sensitivity is displayed in the alloy in the ranges of the applied stresses.  
 
Cooling medium Solution Temp. (°C) Creep lifetime, tf  (h) Elongation (%) 
Oil bath 
1150 32 3.9 
1160 121 2.6 
Molten salt 
1150 67 3.0 
1160 145 2.5 
Table 6.2. Creep properties of FGH95 alloy treated by different regimes at 1034 MPa /650 °C 
Under the applied stress of 1034 MPa at 650 °C, the creep curves of the alloy cooled in 
different mediums were shown in Fig. 6.5, indicating that, compared to the oil cooled alloy, 
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the alloy cooled in molten salt displayed a lower stain rate and longer creep lifetime. 
Moreover, the creep properties of the alloy treated by different regimes under different 
conditions are measured as listed in Table. 6.2, this indicates that the alloy solution treated 
at high temperature possesses the better creep properties. 
6.2 Creep equation and relative parameters 
Transient strain of the alloy occurs when the loading is applied at high temperature, and the 
strain rate of the alloy decreases as the creep goes on. The strain rate keeps constant once the 
creep enters the steady state stage, therefore, the strain rate of the alloy during steady state 
creep may be expressed by Dorn’s law as follows: 
 exp( )n ass A
Q
A
RT
    (6.1) 
where ss is the strain rate during steady state creep, A is a constant related to the 
microstructure, A is the applied stress, n is the apparent stress exponent, R is the gas 
constant, T is the absolute temperature, and aQ  is the apparent creep activation energy. 
6.2.1 Influence of solution temperatures on creep relative parameters 
After the 1120 °C HIP alloy solution treated at various temperatures, the creep curves of the 
alloy were measured in the ranges of 650 °C ~ 670 °C and 1020 MPa ~ 1050 MPa. The 
dependence of the strain rates of the alloy during steady-state creep on the applied 
temperatures and stresses was shown in Fig. 6.6. Figure 6.6(a) showed the relationship 
between the strain rates and the temperatures under the applied stress of 1034 MPa, and the 
dependence of the strain rates on the applied stresses at 650 °C was shown in Fig. 6.6(b). 
According to the data during the steady state creep, the creep activation energies and stress 
exponents of the alloys, which were solution treated at 1150 °C and 1160 °C, were calculated 
to be QA= 510.1  20 kJ/mol, QB = 580.3  20 kJ/mol and nA=15.4, nB=14.1, respectively. 
 
 
Fig. 6.6. Dependence of the strain rates during steady state creep on the applied 
temperatures and stresses for the alloy solution treated by different temperatures. (a) Strain 
rate vs. temperatures at 1034 MPa, (b) strain rate vs. the applied stress at 650 °C 
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6.2.2 Influence of quenching methods on creep relative parameters 
After the 1180 °C HIP alloy was solution treated and cooled in different mediums, the 
dependences of the strain rates during steady state creep on the applied temperatures and 
stresses in the ranges of 650 °C ~ 670 °C and 1020 MPa ~ 1050 MPa are shown in Fig. 6.7. 
The relationship between the strain rates and the temperatures under applied stress of 1034 
MPa was shown in Fig. 6.7(a), according to the data, the creep activation energies of the 
alloy treated by different regimes were calculated to be QA= 381.1  20 kJ/mol and QB = 
590.3  20 kJ/mol, respectively. The dependence of the strain rates on the applied stresses at 
650 °C was shown in Fig. 6.7(b), according to the data, the stress exponents of the alloy 
treated by different regimes were calculated to be nA = 17.9 and nB = 13.8, respectively. The 
values of the creep activation energies and stress exponents were measured as listed in 
Table 6.3. It may be concluded according to the data in Table 6.3 that the alloy cooled in 
molten salt displayed a better creep resistance. 
 
 
Fig. 6.7. Relationship between the strain rates and the applied temperatures, stresses for the 
alloy treated by different regimes. (a) Strain rates & temperatures, (b) strain rates & the 
applied stresses 
 
Cooling medium Activation energies (kJ/mol) Stress exponents (n) 
Oil bath 381.1  20 17.9
Molten salt 590.3  20 13.8
Table 6.3. Activation energies and stress exponents during the steady-state creep of the alloy 
treated by different regimes 
7. Deformation mechanisms of the alloy during creep 
7.1 Deformation features of alloy during creep 
After the 1120 °C HIP alloy solution was treated at 1160 °C, the morphology of the alloy 
crept for 104 h up to rupture under the applied stress of 1034 MPa at 650 °C was shown in 
Fig. 7.1. Figure 7.1(a) displayed the feature of the stacking fault as marked by white arrow, 
and two (1/3)<112> super-Shockleys partials were located on the two sides of the stacking 
fault. Some dislocation loops with various sizes appeared clearly in the  matrix of the alloy, 
1.05 1.06 1.07 1.08 1.09 1.10 1.11
-6.4
-6.0
-5.6
-5.2
-4.8
-4.4
-4.0
-3.6
QA = 381.1    20 kJ/mol
QB = 590.3     20 kJ/mol
A - Oil cooling alloy
B - Salt cooing alloy
ln
( s
s
)
1/T(10-3K-1)
A
B
(a)
6.88 6.90 6.92 6.94 6.96
-6.6
-6.3
-6.0
-5.7
-5.4
-5.1
-4.8
-4.5
nA = 17.9
nB = 13.8
A - Oil cooling alloy
B - Salt cooling alloy 
ln
( s
s
)
ln()
B
A
(b)
www.intechopen.com
  
Aeronautics and Astronautics 
 
424 
the smaller dislocation loop was marked with black arrow in Fig. 7.1(a), and larger 
dislocation loop was located in the region above the stacking fault. It could be deduced by 
analysis that the <110> super-dislocation shearing into the  or -phase may be decomposed 
to form the configuration of (1/6)<112> shockleys dislocations or (1/3)<112> super-
Shockleys partials plus the stacking fault. 
Some blocky carbide particles were precipitated in the local area of the alloy as marked by 
black arrow in Fig. 7.1(b). The grain boundary in the alloy was marked by white arrow in 
Fig. 7.1(c), and dislocations tangles were piled up in the region B near the boundary, which 
suggested that the boundaries may effectively hinder the dislocation movement during 
creep. Besides, the morphology of <110> super-dislocation shearing into the -phase was 
marked by the black arrow, and the stacking fault formed from the dislocation 
decomposition was marked by the letter A in Fig. 7.1(c). The blocky carbides were 
precipitated along the boundary as marked by the black arrow in Fig. 7.1(d), and some 
dislocations were piled up in the regions near the carbides, which indicated that the carbide 
particles can effectively hinder the dislocation movement. But, the facts that significant 
amount of dislocations were piled up in the regions near the boundaries can cause the stress 
concentration to promote the initiation and propagation of the micro-crack along the 
boundaries as the creep goes on. 
 
 
Fig. 7.1. Microstructure of the alloy after (solution treated at 1160 °C) crept for 104 h up to 
fracture at 650 °C/1034 MPa. (a) dislocation loops in the alloy, (b) carbide particles 
precipitated within the grain, (c) morphology of the super-dislocation shearing into  phase 
as marked by black arrow, the stacking fault in the region A and dislocation tangles piled up 
in the B region near the boundary, (d) carbide particles precipitated along the boundary, 
and dislocation tangles piled up in the regions near the boundaries 
0.25m
(a) 
0.25m 
(b)
0.15m 
(d)
0.25mA
B
(c) 
www.intechopen.com
 
Creep Behaviors and Influence Factors of FGH95 Nickel-Base Superalloy 
 
425 
After the 1180 °C HIP alloy solution treated at 1150 °C and cooled in the oil bath, the 
microstructures of the alloy crept for 260 h up to fracture under the applied stress of 984 
MPa at 650 °C was shown in Fig. 7.2. The fine sphere-like  particles about 0.1~0.2 µm in 
size were dispersedly distributed in the alloy as shown in Fig. 7.2(a), which may hinder 
the dislocation movement for improving the creep resistance of the alloy. During creep, 
the double orientation slipping of dislocations were activated in the local regions of  
matrix as shown in Fig. 7.2(b), the deformed dislocations in the form of the tangles were 
arranged along the level direction, the bundle-like dislocations were arranged along the 
upright-like direction as marked by arrows, respectively, in Fig. 7.2(b). During creep, the 
slipping dislocations moving to the boundary were stopped as marked by white arrow in 
Fig. 7.2(c), indicating that the boundary had an obvious effect on hindering the 
dislocations movement. Therefore, it may be concluded that the deformation feature of 
the alloy during creep is the double orientations slipping of dislocations activated in the  
matrix phase. 
 
 
Fig. 7.2. After solution treated at 1150 °C and cooled in oil bath, microstructure of the alloy 
crept for 260 h up to fracture under the applied stress of 980 MPa at 650 °C. (a) Fine  phase 
precipitated dispersedly within the grains, (b) double orientations slipping of dislocation as 
marked by arrows, (c) dislocations slipping stopped on the boundary 
After the 1180 °C HIP alloy was solution treated at 1160 °C and cooled in the molten salt, the 
microstructures of the alloy crept for 72 h up to fracture under the applied stress of 1034 
MPa at 650 °C was shown in Fig. 7.3. The carbide particles were precipitated along the 
boundaries as marked by arrow in Fig. 7.3(a), which resulted in the boundary with the 
uneven feature. The dislocation-free region appeared in the left side of the boundary, 
significant amount of dislocations were congregated in the another side of the boundaries, 
and the carbide particle was precipitated along the boundary as marked by the arrow in Fig. 
7.3(b). It may be analyzed according to Fig. 7.3(b) that the boundaries and the carbides 
precipitated along the boundaries may hinder the dislocations movement for improving the 
creep resistance of the alloy, so that significant amount of dislocations are piled up in the 
right-side region of the boundary as shown in Fig. 7.3(b). 
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Fig. 7.3. After solution treated at 1160 °C and cooled in molten salt, microstructure of the 
alloy crept up to fracture at 1034 MPa / 650 °C. (a) Carbide particles precipitated along the 
boundary, (b) dislocation tangles piled up in the regions near the boundaries, (c) stacking 
fault and dislocations appeared within the grain  
In the local region of the alloy, the double orientation slipping of dislocations were activated 
within the grain, the boundary was marked by arrow in the bottom of Fig. 7.3(c), the 
directions of the double orientation slipping of dislocations were marked with arrows in Fig. 
7.3(c). The arrow which points to left side corresponds to the orientation of the dislocations 
tangle, the arrow which points to right-side corresponds to the direction of the stacking fault 
stripes. It may be deduced by analysis that the stacking fault is formed in between two 
(1/3)<112> super-Shockleys partials which originates from the decomposition of <110> 
super-dislocation. The configuration of the partial dislocation + stacking fault can restrain 
the cross-slipping of the dislocations to improve the creep resistance of the alloy. 
 
 
Fig. 7.4. Twinning in the alloy during creep at 650 °C/1034 MPa. (a) twinning, (b) SAD 
patterns 
After the alloy was crept up to fracture under the applied stress of 1034 MPa at 650 °C, the 
feature of the twinning deformation was shown in Fig. 7.4(a), and the twinning plane was 
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identified as (111) plane by means of the diffraction pattern analysis as shown in Fig. 7.4(b). 
The blocky carbide was precipitated along the grain boundary as marked by shorter arrow in 
Fig. 7.5(a), and some micro-twinning was detected in the alloy as marked by black arrow. In 
another local area, the morphology and diffraction spots of the micro-twinning were shown in 
Fig. 7.5(b) and (c), this is well agreed with the result in literature (Unocic R. R. et al., 2008 ). The 
one end of the micro-twinning was stopped at the grain boundary, which suggests that the 
grain boundaries had an obvious effect on hindering the twinning deformation. 
 
 
Fig. 7.5. Morphologies of the carbide precipitated along the boundary and micro-twinning 
formed in the alloy during creep under the applied stress of 1034 MPa at 650 °C. (a) Carbide 
precipitated along the boundary, (b) micro-twinning, (c) SAD patterns 
7.2 Analysis on deformation features of the alloy during creep 
7.2.1 Dislocation model 
Significant amount of the fine  particles are precipitated within the grains, which may 
effectively hinder the dislocation movement. When the deformed dislocations move over 
the  phase during creep, the dislocation loops are kept around the  particles as shown in 
Fig. 7.1(a), which suggests that the deformation feature of the alloy during creep is the 
dislocations moving over the -phase by Orowan bypassing mechanism. It is reasonable 
consideration that the various spaces between the  particles appear in different regions, the 
dislocations may bow out along the wider channels between the two  particles during 
creep, and the bowing dislocations move over the -phase by Orowan mechanism to 
encounter for forming the dislocation loops, as marked with black arrow in Fig. 7.1(a). When 
the dislocations bow out along the channels during creep, the applied stress which is 
enough to overcome the Orowan resistance can be expressed as follows:  
 
or
b
L
   (7.1) 
Where,  is the shear modulus, b is the Burgers vector, and L is the space between two  
particles. This indicates that the resistance of the dislocation movement increases with the 
diminishing of the space between the -particles, and the resistance of alloy enhances with 
the volume fraction of -particles.  
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Fig. 7.6. Schematic diagram of dislocation bowing out in the congregated regions of the  
particles  
The space between the  particles diminishes when some  particles are congregated 
together, the smaller space is measured to be L1 = 0.03 m as shown in Fig. 4.5(a), but the 
bigger space between the -particles is measured to be L2 = 0.12 m. Compared to the 
bigger space, the dislocations bowing out in the regions with smaller space needs fourfold 
Orowan resistance according to the formula (7.1), therefore, it is difficult for the dislocations 
to bow out along the channels with smaller space, but they can bow out along the channels 
with larger space to form the larger loops as shown in Fig. 7.1(a). When the dislocations bow 
out along the channels with bigger space (L), the formation process of the bigger dislocation 
loops is schematically shown in Fig. 7.6.  
In the later stage of creep, significant amount of dislocations move to the region near the  
particles to generate stress concentration, and when the stress value originated from the 
stress concentration exceeds the yield strength of  phase, the <110> super-dislocation may 
shear into the -phase, as marked by black arrow in Fig. 7.1(c). Furthermore, the <110> 
super-dislocations may be decomposed to form the configuration of two (1/3)<112> super-
Shockleys partials and the stacking fault, as marked by letter A in Fig. 7.1(c). The critical 
stress of dislocation shearing into  phase increases with the yield strength. And the critical 
stress (cs can be expressed as follows (Zhang J. SH., 2007) :  
 1/2
0.3
( )APBAPBcs
f r
b T
     (7.2) 
Where T is the dislocation line tension, r is the radius of the -particle, b is the Burgers 
vector, f is the volume fraction of  phase, and APB is the antiphase boundary energy 
originated from the dislocation shearing  phase. It may be understood from equation (7.2) 
that the critical stress of dislocation shearing into  phase increases with the size (r), volume 
fraction (f) of -phase and antiphase boundary energy (APB) to improve the creep resistance 
of the alloy.  
7.2.2 Micro-twinning model 
The observed shearing process spawned the model (Unocic R. R. et al., 2008 ) is illustrated in 
Fig. 7.7. The process of shearing the larger  particles is presumed to occur by the 
cooperative movement of the coupled (a/2)[112] dislocation (3D), each of which is 
dissociated into three (a/3)[112] partials (D).  
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Fig. 7.7. Model of  precipitate shearing by coupled Shockley partials for creating 
SISF/SESF pairs. After Hirth and Lothe (Unocic R. R. et al., 2008, as cited in Hirth J. P. & 
Lothe J., 1968 ) 
The a<112> dislocations are hypothesized to originate from the interaction of two different 
a<101> super- dislocations originating from different slip systems. For example: 
 a[011] + a[101]=a[112] (7.3) 
Clearly, this model then requires a high symmetry orientation such that two slip systems 
experience a relatively large shear stress. 
In situ deformation at higher temperature gives rise to a distinctly different mode of 
shearing in which the extended faults propagate continuously and viscously through both 
particles and matrix. These extended faults are associated with partials that move in a 
correlated manner as pairs. Koble (Koble M., 2001 ) induced that these partials may be 
a/6<112> partials of the same Burgers vector, and that they may be traveling in parallel 
{111} planes, as illustrated in Fig. 7.8. Without detailed confirmation of this hypothesis, 
Kolbe further deduced that these were in fact micro-twins, and that the temperature 
dependence of the process may be associated with recording that would ensure in the wake 
of twinning a/6<112> partials as they traverse the  particles. The shear strain rate can be 
expressed as follow: 
 
)2/(ln[
)/(
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 
  (7.4) 
Where, гpt is the energy of two layered pseudo-twin, and bpt is the magnitude of the Burgers 
vector of the twinning partials, гtt is the energy of two layered true twin, pt is the density of 
mobile twinning partials, Dord is the diffusion coefficient for ordering, x is the short range 
diffusion length (assumed to be several nearest neighbor distances, or ~2b), f2 is the volume 
fraction of the secondary  precipitates, f3 is the volume fraction of the tertiary  precipitates. 
And the effective stress (eff) , in the presence of tertiary  precipitates, is given by: 
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The experimental values of parameters such as dislocation density pt, volume fraction of 
the secondary  precipitate that are critical to the prediction can be determined directly 
from TEM observations. Disk alloys in this temperature regime typically exhibit the creep 
curves having a minimum rate, with a prolonged increase of creep rate with time. As the 
fine  phase volume fraction decreases during thermal exposure, it is possible that the 
operation of 1/2[110] matrix dislocations becomes increasingly important. The coarse 
microstructure (small value of f3) resulting from a slow cooling rate, the deformation is 
dominated by 1/2<110> dislocation activated in the matrix, and SESF shearing in the 
secondary  precipitates. 
 
 
Fig. 7.8. Schematic representation of micro-twinning mechanism from shear by identical 
Shockley partials (D) transcending both the  matrix and  precipitate in adjacent {111} 
planes which then require atomic reordering in  to convert stacks of CSF into a true 
twinned structure. After Kolbe (Koble M., 2001 )  
8. Fracture features of the alloy during creep 
8.1 Influence of solution temperature on fracture feature of alloy during creep 
After the 1120 °C HIP alloy was solution treated at 1150 °C and isothermal quenched in 
molten salt at 583 °C, the morphology of the alloy crept for different time under the applied 
stress of 1034 MPa at 650 °C was shown in Fig. 8.1. The applied stress direction was marked 
with the arrow in Fig. 8.1(a), after the alloy was crept for 40 h, some slipping traces appeared 
on the surface of the sample, and some parallel slipping traces were displayed within the 
same grain. Moreover, the various orientations of the slipping trace appeared within the 
different grains. Besides, the kinking of the slipping traces appeared in the region of the 
boundaries as marked by arrow in Fig. 8.1(a). After crept for 67 h up to rupture, the surface 
morphology of the alloy was shown in Fig. 8.1(b), indicating that the amount of the slipping 
trace increased as the creep went on, and the slipping traces were deepened to form the 
slipping steps on the surface of the specimen. Moreover, the bended slipping traces 
appeared in the boundary regions, as marked by longer arrow in Fig. 8.1(b), which was 
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attributed to the effect of the flow metal in the -free phase zone where is lower in strength. 
Besides, the cracks were initiated in the distortion regions of slipping traces as marked by 
shorter arrow in Fig. 8.1(b). 
 
 
Fig. 8.1. Surface morphology of the alloy crept for different time up to fracture. (a) After 
crept for 40 h, a few slipping traces appeared within the different grains, (b) after crept up to 
fracture, significant amount of the slipping traces appeared on the sample surface, and 
cracks appeared in the region near the boundary as marked by arrow 
 
 
Fig. 8.2. After solution treated at 1160 °C, surface morphology of the alloy crept for different 
time. (a) After crept for 60 h, a few slipping traces appeared within the different grains, (b) 
after crept for 80 h, significant amount of the slipping traces appeared in the surface of the 
sample 
After 1120 °C HIP alloy was solution treated at 1160 °C and twice aged, the morphology of 
the alloy crept for different time under the applied stress of 1034 MPa at 650 °C was shown 
in Fig. 8.2. The direction of the applied stress was marked by arrows, after the alloy was 
crept for 60 h, the morphology of the slipping traces on the sample surface was shown in 
Fig. 8.2(a), which displayed the feature of the single orientation slipping appearing within 
the different grains. And the intersected of the slipping traces appeared in the boundary 
region as marked by arrow in Fig. 8.2(a), which indicated that the boundary may hinder the 
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slipping of the traces to change their direction. When crept for 80 h, the quantities of the 
slipping traces on the sample surface increased obviously, as shown in Fig. 8.2(b), and some 
white blocky carbide particles were precipitated within the grains. 
After solution treated at 1160 °C and twice aged, the surface morphology of the alloy crept 
up to rupture under the applied stress of 1034 MPa at 650 °C was shown in Fig. 8.3. As the 
creep went on, the quantities of the slipping traces increases gradually (the direction of the 
applied stress shown in Fig. 8.3(a), which may bring out the stress concentration to promote 
the initiation of the micro-cracks along the boundary which was vertical to the stress axis as 
marked by the letter A and B in Fig. 8.3(a). In the other located region, the morphology of 
the crack initiation was marked by letter C in Fig. 8.3(b), the micro-cracks displayed the non-
smooth surface as marked by arrow, and the white carbide particle was located in the crack, 
it indicated that the carbide particles precipitated along the boundary may restrain the 
cracks propagating along the boundaries to enhance the creep resistance of the alloy. 
 
 
Fig. 8.3. Cracks initiated and propagated along the boundary. (a) Crack initiated along the 
boundaries vertical to the stress axis, (b) crack propagated along the boundaries as marked 
by arrow 
After the alloy crept up to fracture, the morphology of the sample polished and eroded was 
shown in Fig. 8.4. Some carbide particles were located in the boundaries as shown in Fig. 
8.4(a), which may hinder the slipping of the dislocation for enhancing the creep resistance of 
the alloy. Moreover, the unsmooth surface of the cracks appeared in the fracture regions as 
marked by white arrow in Fig. 8.4(a). However, when no carbide particles were precipitated 
along the boundaries, the crack after the alloy crept up to fracture displayed the smooth 
surface as marked with the letter D and E in Fig. 8.4(b).  
It may be thought by analysis that, although the carbide particles may hinder the 
dislocations movement for improving the creep resistance of alloy, the carbides located in 
the regions near the boundaries may bring about the stress concentration to promote the 
initiation and propagation of the cracks along the boundary as marked with the arrow in 
Fig. 8.4(a). Therefore, the fracture displayed the non-smooth surface due to the pinning 
effect of the carbide particles precipitated along the boundaries to restrain the boundaries 
slipping during creep. Though the carbide particles precipitated along the boundaries can 
improve the cohesive strength of the boundaries, the micro-cracks are still initiated and 
propagated along the boundaries, which suggests that the boundaries are still the weaker 
regions for causing fracture of the alloy during creep. 

 10m 
(a) 
B 
A 
m 
(b)
C 
www.intechopen.com
 
Creep Behaviors and Influence Factors of FGH95 Nickel-Base Superalloy 
 
433 
 
Fig. 8.4. After solution treated at 1160 °C, surface morphology of the alloy crept up to 
fracture. (a) Carbide particles near the crack along the boundary marked by arrow, (b) 
morphology of cracks propagated along the boundary marked by arrow 
 
 
Fig. 8.5. After solution treated at 1165 °C, surface morphology of the alloy crept for 9 h up to 
fracture. (a) Crack initiated along the boundary as marked by arrow, (b) cracks propagated 
along the boundary as marked by arrow 
After solution treated at 1165 °C and aged, the surface morphology of the alloy crept for 9 h up 
to rupture under the applied stress of 1034 MPa at 650 °C was shown in Fig. 8.5. A few 
slipping trace appeared only on the surface of the alloy, and some micro-cracks were initiated 
along the boundaries vertical to the applied stress axis, as marked by arrow in the Fig. 8.5(a). 
As the creep went on, the morphology of the micro-crack propagated along the boundary was 
shown in Fig. 8.5(b), in which the fracture of the alloy displayed the smooth surface. It may be 
deduced according to the feature of the smooth fracture that the carbide films precipitated 
along the boundaries has an important effect on decreasing the stress fracture properties of the 
alloy. The carbide films were formed along the boundaries during heat treated, which reduced 
the cohesive strength between the grains. Therefore, the micro-crack was firstly initiated along 
the boundaries with the carbide films, and propagated along the interface between the carbide 
films and grains, which resulted in the formation of the smooth surface on the fracture, and 
decreased to a great extent the creep properties of the alloy. 
5m 
(b
E
D 
σ 
σ
(a
5m 
10m 
(b)
10m 
(a) 


www.intechopen.com
  
Aeronautics and Astronautics 
 
434 
After the alloy was crept for 9 h up to rupture under the applied stress of 1034 MPa at  
650 °C, the surface morphology after the sample was polished and eroded was shown in 
Fig. 8.6. The carbide films were continuously formed along the boundaries as marked 
with the long arrow in Fig. 8.6(a), the direction of the applied stress was marked by 
arrow, the micro-crack was initiated along the carbide film, as marked by shorter arrow in 
Fig. 8.6(a). As the creep went on, the morphology of the crack propagated along the 
boundaries was shown in Fig. 8.6(b), the fracture after the crack was propagated 
displayed the smooth surface, and the white carbide film was reserved between the 
tearing grains marked by arrow in Fig. 8.6(b), which displayed an obvious feature of the 
intergranular fracture of the alloy during creep. It can be thought by analysis that the 
carbide films precipitated along the boundaries, during heat treated, possessed the hard 
and brittle features and weakened the cohesive strength between the grains. Therefore, 
the micro-crack was firstly initiated along the carbide films and propagated along the 
interface between the grains and carbide films, which resulted in the formation of the 
smooth surface on the fracture, so the alloy had the lower toughness and shorter creep 
lifetime. Moreover, it was identified by means of composition analysis under SEM/EDS 
that the elements Nb, Ti, C and O were rich in the white particles on the surface of the 
samples, as shown in Fig. 8.2, Fig. 8.3 and Fig. 8.5, respectively, therefore, it is thought 
that the white particles on the surface of the samples are the oxides of the elements Nb, Ti 
and C. 
 
 
Fig. 8.6. After solution treated at 1165 °C, surface morphology of the alloy crept for 9 h up to 
fracture. (a) Crack initialed along the boundary marked by arrow, (b) morphology of cracks 
propagated along the boundary marked by arrow. 
8.2 Influence of quenching temperatures on fracture feature of alloy during creep 
After the 1180°C HIP alloy was solution treated at 1150 °C and cooled in oil bath at 120 °C, 
the morphologies of the alloy crept for 260 h up to rupture under the applied stress of 984 
MPa at 650 °C were shown in Fig. 8.7. If the PPB region between the powder particles was 
regard as the grain boundaries as shown in Fig. 8.7(a), the grain boundaries after the alloy 
was crept up to rupture were still wider, and the ones were twisted into the irregular piece-
like shape as marked by arrow in Fig. 8.7(a).  
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Fig. 8.7. Microstructure of alloy after crept up to fracture under the applied stress of 984 
MPa at 650 °C. (a) Wider grain boundaries broken into the irregular shape as marked by 
arrow, (b) traces with double orientations slipping feature appeared within the grain as 
marked by arrows, (c) finer particles precipitated along the slipping traces 
Some irregular finer grains were formed in the boundary regions, and displaying a bigger 
difference in the grain sizes. Some coarser  precipitates were precipitated in the boundaries 
region in which the creep resistance is lower due to the spareness of the finer  phase. The 
severed deformation of the alloy occurred firstly in the boundary regions during high stress 
creep, which resulted in the boundaries broken into the irregular piece-like shape. At the 
same time of the severed deformation, the traces with double orientations slipping feature 
appeared within the grains as marked by arrows in Fig. 8.7(b), and some particles were 
precipitated in the boundaries region as marked by short arrow in Fig. 8.7(b). Moreover, the 
finer white particles were precipitated in the regions of the double orientations slipping 
traces as marked by arrows in Fig. 8.7(c), and the white particles were distinguished as the 
carbides containing the elements Nb, Ti and C by means of SEM/EDS composition analysis. 
 
 
Fig. 8.8. Microstructure after the molten salt cooled alloy crept up to fracture under the 
applied stress of 1034 MPa at 650 °C. (a) Traces of the double orientations slipping appeared 
within the grains, (b) magnified morphology of the slipping traces 
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After solution treated at 1150 °C, and cooled in molten salt at 583 °C, the morphology of the 
alloy crept for 67 h up to rupture under the applied stress of 1034 MPa at 650 °C was shown 
in Fig. 8.8. This indicated that the traces with the double orientations slipping feature 
appeared within the grain, and the various orientations of the slipping traces appeared in 
the different grains, thereinto, the directions of the thicker and fine traces were marked by 
the arrows, respectively, in Fig. 8.8(a). Moreover, the traces with the cross-slipping feature 
were marked by shorter arrow in Fig. 8.8(a).  
8.3 Analysis on fracture features during creep 
After solution treated at various temperatures, the alloy had different creep properties due 
to the difference of microstructure as shown in Table 6.2. When solution treated at 1150 °C, 
the alloy possessed a uniform grain size and wider PPB regions between the grains. 
Moreover, some coarser  precipitates were distributed along the PPB regions in which no 
fine -phase was precipitated in the regions near the coarser -phase, as shown in Fig. 
4.2(a), the regions possessed a lower creep strength due to the cause of the -free phase 
zone. After the alloy was solution treated at 1160 °C and twice aged, the coarser  
precipitates along the boundary regions disappeared, the boundaries appeared obviously in 
between the grains. And the cohesive strength between the grains was obviously improved 
due to the pinning effect of the fine carbide particles, as shown in Fig. 4.3(b), therefore, the 
alloy displayed a better creep resistance and longer the lifetime.  
After the 1120 °C HIP alloy was solution treated at 1160 °C and twice aged, the alloy was 
crept for 104 h up to fracture under the applied stress of 1034 MPa at 650 °C, the fracture 
after the alloy was crept up to rupture displayed the initiating and propagating feature of 
the cuneiform crack as marked by letters A and B in Fig. 8.3. The schematic diagram of the 
crack initiated along the triangle boundary is shown in Fig. 8.9, where ǔn is the normal 
stress applied on the boundary, L is the boundary length, h is the displacement of the 
cuneiform crack opening, is the crack length, θ is the inclined angle of the adjacent 
boundaries. 
 
 
Fig. 8.9. Schematic diagram of the crack initiated along the triangle boundary 
Under the action of the applied stress, significant amount of the activated dislocations are 
piled up the regions near the boundary to bring the stress concentration, which results in 
the initiation of the crack in the region near the triangle boundary, and the crack is 

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propagated along the boundary as the creep goes on. Thereinto, the critical length (C) of 
the instable crack propagated along the boundary can be expressed as follows (Yoo M. H., 
1983). 
 
2
2 (1 )
c
f
Gh
a       (8.1) 
Where, G is shearing modulus, ν is Poisson ratio, f is the crack propagating work, h is the 
displacement of the cuneiform crack opening. This indicates that critical length (c) of the 
instable crack propagated along the boundary increases with the displacement of the crack 
opening, and is inversely to the crack opening work. Thereinto, the displacement of the 
crack opening increases with the creep time, which can be express as follows: 
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Where hw=(is the max displacement of the crack opening, Ǖ is the resolving shear stress 
component applied along the boundary, t is the time of the crack propagation, B is the 
boundary thickness, B is the sticking coefficient of the boundary slipping, β is the material 
constant. 
The Eq. (8.2) indicates that the displacement of the crack opening (h) increases with the time 
and length of crack propagation. When two cuneiform-like cracks on the same boundary are 
joined each other due to their propagation, the intergranular rupture of the alloy occurs to 
form the smooth surface on the fracture. The schematic diagram of two cuneiform-like 
cracks initiated and propagated along the boundary for promoting the occurrence of the 
intergranular fracture is shown in Fig. 8.10. If the carbide particles are dispersedly 
precipitated along the boundaries, the ones may restrain the boundaries slipping for 
improving the creep resistance of the alloy to form the non-smooth surface on the fracture, 
as marked by arrow in Fig. 8.3(b). 
After solution treated at 1165 °C and twice aged, the grain size of the alloy increased 
obviously, and the carbide films were formed along the boundaries as shown in Fig. 4.4, 
which weakened the cohesive strength between the grains. Therefore, the cracks were easily 
initiated and propagated along the boundaries adjoined to the carbide films, which may 
sharply reduce the lifetime and plasticity of the alloy during creep. 
 
 
Fig. 8.10. Schematic diagram of the cuneiform-like cracks initiated and propagated along the 
boundary. (a) Triangle boundary, (b) initiation of the cuneiform-like crack, (c) propagation 
of the crack along the boundary 
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Because the boundaries and the carbide particles can effectively hinder the dislocation 
movement, and especially, the carbide particles can improve the cohesive strength between 
the grains and restrain the boundaries slipping during creep, therefore, it may be concluded 
that the carbide particles precipitated along the boundaries have an important effect on 
improving the creep resistance of the alloy. Although the carbide particles precipitated 
along the boundaries can improve the strength of the boundaries, the micro-cracks are still 
initiated and propagated along the boundaries, which suggests that the boundaries are still 
the weaker regions for causing fracture of the alloy during creep. And once, the carbide is 
continuously precipitated to form the film along the boundary, which may weaken the 
cohesive strength between the grains to damage the creep lifetimes of the alloy. The analysis 
is in agreement with the experimental results stated above. 
When the alloy was solution treated at 1150 °C and cooled in oil bath at 120 °C, the carbon 
atoms were supernaturally dissolved in the matrix of the alloy due to quenching at lower 
temperature. The concentration supersaturation in the alloy promoted the carbon atoms for 
precipitating in the form of the fine carbide particles during creep under the applied higher 
tensile stress at 650 °C, in especially, the slipping trace regions support a bigger extruding 
stress for inducing the carbon atoms to precipitate in the form of the fine carbide particles 
along the slipping traces as shown in Fig. 8.7(c). This is thought to be a main reason of the 
fine carbides precipitated along the slipping traces. 
On the other hand, when the alloy was solution treated at 1150 °C and cooled in molten salt 
at 583 °C, although the slipping traces appeared still in the matrix of the alloy during creep, 
no fine carbide particles were precipitated along the slipping traces, as shown in Fig. 8.8, 
due to the concentration supersaturation of the carbon atoms in the matrix is lower than the 
one of the alloy cooled in oil bath at 120 °C. 
9. Conclusion 
By means of hot isostatic pressing and heat treated at different temperatures, creep curves 
measurement and microstructure observation, an investigation had been made into the 
influence of hot isostatic pressing and heat treatment on the microstructure and creep 
behaviors of FGH95 nickel-base superalloy. Moreover, the deformation and fracture 
mechanisms of the alloy were discussed. The conclusions were mainly listed as follows:  
1. When the alloy was hot isostatic pressed below the dissolving temperature of phase, 
as the HIP temperature increased, the size and amount of primary coarse phase 
decreased gradually in the PPB regions, and the size of the grains was equal to the one 
in the previous powder particles. With the HIP temperature increased to 1180°C, the 
coarse phase in the PPB was completely dissolved, and the grain of the alloy grew up 
obviously. 
2. When the solution temperature was lower than the dissolving temperature of  phase, 
after solution treated at 1140 °C, finer  phase was dispersedly precipitated within the 
grains, and some coarser  precipitates were distributed in the wider boundary regions 
where appeared the depleted zone of the fine -phase. With the solution temperature 
increased, the amounts of the coarser  phase and the zone of -free phase decreased 
gradually.  
3. After solution temperature increased to 1160 °C, the coarser  phase in the alloy was 
fully dissolved, the fine secondary  phase with high volume fraction was dispersedly 
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distributed within the grains, and the particles of (Nb, Ti)C carbide were precipitated 
along the boundaries. When the alloy was solution treated at 1165 °C, the size of the 
grains was obviously grown up, and the carbides were continuously precipitated to 
form the films along the boundaries. 
4. During long term aging in the ranges of 450 °C and 550 °C, no obvious change in the 
grain size was detected in the alloy as the aging time prolonged, but the  phase grew 
up slightly. With the aging time prolonging, the lattice parameters of the  and  phases 
increases slightly, but the misfit of   phases decreased slightly. 
5. Under the applied stress of 1034 MPa at 650 °C, the solution treated alloy cooled in 
molten salt displayed a better creep resistance. In the ranges of the applied 
temperatures and stresses, the creep activation energy of the alloy was measured to be 
Q = 590.320 kJ/mol. 
6. The deformation mechanisms of the alloy during creep were the twinning, dislocations 
by-passing or shearing into the  phase. The <110> super-dislocations shearing into the 
 phase may be decomposed to form the configuration of (1/3)<112> super-Shockleys 
partial plus stacking fault. 
7. During creep, the deformed features of the solution treated alloy cooled in oil bath was 
that the double orientation slipping of dislocations were activated, and the fine carbide 
particles were precipitated along the regions of the slipping traces. And the depleted 
zone of the fine  phase was broken into the irregular piece-like shape due to the severe 
plastic deformation. 
8. The deformed features of the alloy treated in molten salt were that the twinning and 
dislocation tangles were activated in the matrix of the alloy. Thereinto, the fact that the 
particles-like carbides were dispersedly precipitated within the grains and along the 
boundary might effectively restrain the dislocation slipping and hinder the dislocations 
movement, which is one important factor of the alloy possessing the better creep 
resistance and the longer creep lifetime. 
9. In the later stage of creep, the slipping traces with the single or double orientations 
features appeared on the surface of the alloy. As the creep went on, the amount of the 
slipping traces increased to bring about the stress concentration, which might promote 
the initiation and propagation of the micro-cracks along the boundaries, this was 
thought to be the main fracture mechanism of the alloy during creep. 
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